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First-principles electronic structure and total energy calculations of the phase stability and dislocation prop­
erties of Pt3Al are employed to reveal the origins of its yield stress low temperature anomaly (LTA). An 
analysis of the dislocation structure and mobility, based on generalized stacking fault calculations, demon­
strates that the LTA is connected with the L12^ D 0 'c structural transformation rather than, as traditionally 
believed, with features of the dislocation structure in the L12 phase. We also explain why the yield stress and 
slip geometry have a strong orientation dependence and why small deviations from stoichiometry lead to
dramatic changes in its mechanical behavior.
DOI: 10.1103/PhysRevB.70.014102
Understanding the relation between dislocation structure 
and mechanical properties is one of the key problems in 
materials science. In most solids, the increase of temperature 
leads to a decrease of the yield stress, <ry ; this can be 
naturally explained by the growth of the dislocation mobility 
due to thermal fluctuations. 1 The opposite behavior, known 
as the yield stress anomaly (YSA), when cry (T) increases 
with temperature, was first discovered in Ni3Al more than 
30 years ago, 2 and is still a subject of intense research due to 
its technological importance for high-temperature 
applications.3
While the YSA takes place in most L l 2 intermetallics, 
there are a few systems, most notably Pt3Z (Z=Al,Ga,Ge), 
where the YSA has not been observed; instead, they demon­
strate a very sharp decrease of a y ( T) with increase of tem­
perature at T<  400 K .4  While a rapid decrease of the yield 
stress is normal for materials with a high Peierls stress, e.g., 
in bcc transition metals, it is so highly unusual for L1 2  inter- 
metallics that a new term—the low temperature anomaly 
(LTA)—was introduced by Oya-Seimiya e t al.5 to character­
ize such a behavior.
The most widely accepted mechanism of the YSA 
involves thermally activated cross-slip of the ( 1 1 0 ){1 1 1 } 
superdislocations into the {0 0 1 } plane, where they become 
immobile as a result of a noncoplanar (sessile) configuration 
(for a review, see Refs. 6-9). The Paidar-Pope-Vitek 
(PPV) theory10 devised a condition for the occurrence of the 
YSA based on a relation between antiphase boundary 
(APB) and superlattice intrinsic stacking fault (SISF) ener­
gies on the {111} shear plane, and the APB energy on the 
{001} plane. In typical L12 intermetallics (such as Ni3Al or 
Ni3 Ge), (110){111} superdislocations split into superpartials 
separated by APB ((110) ^  2(110)+APB + 2(110)), which 
will lead to the YSA provided the {001} APB energy is 
sufficiently low. In alloys with high APB and/or low 
SISF energies, the superdislocations are dissociated into su- 
perpartials separated by SISF ((110) ^  3  (112)+SISF
PACS number(s): 62.20.Fe, 71.15.Nc, 71.20.Lp
+ 3 ( 1 1 2 )), and this should explain both the lack of the 
YSA and the presence of the LTA. Paidar e t a l.10 proposed 
that Pt3X alloys belong to the latter category (see also 
Refs. 8  and 9). The PPV concept is now widely accepted as 
it gives a plausible explanation of the cry (T) behavior in 
L12 alloys with YSA as well as in some L12 alloys without a 
YSA, such as Fe3 Ge. 11 However, for Pt3Al, the results of 
both experimental investigations of the dislocation structure7 
and ab  in itio  calculations of the stacking fault energies12,13 
are in contradiction with the mechanism proposed by 
Paidar e t al. 10 Namely, the SISF energy is not low but 
rather larger than the APB energy, 12 and no experimental 
observations of the SISF-bound {111} superdislocations ex­
ist. Thus, the true nature of the LTA in Pt3Al still remains 
unclear.
In this paper, we present a solution to the problem 
of the unusual mechanical behavior of Pt3Al on the basis of 
ab  in itio  electronic structure and total energy calculations of 
its phase stability and dislocation properties. We employ a 
theoretical approach which allows us to analyze features of 
the dislocation structure, energetics, and mobility without the 
ambiguity caused by the use of semiempirical interatomic 
potentials in a previous analysis. 10 First, we examine a 
suggestion5 that the anomalous mechanical properties of 
Pt3Al are connected with the instability of the L 12 structure 
with respect to its transformation to D0c-type phases. We 
show that the D0'c rather than the L12 structure is a ground 
state phase in a narrow composition region near stoichiom- 
etry. For the first time, we determine the dislocation structure 
in L12 and D0'c Pt3Al on the basis of ab in itio  generalized 
stacking fault calculations. The LTA is demonstrated 
to be connected with the structural instability rather than 
with features of the dislocation structure of the L 12 phase, as 
traditionally believed. Based on our calculated results, we 
explain why the yield stress strongly depends on the 
orientation of the deformation axis with respect to the orien­
tation of the Pt3Al single crystal, 14 and why small deviations
0163-1829/2004/70(1)/014102(5)/$22.50 70 014102-1 ©2004 The American Physical Society
YU. N. GORNOSTYREV et al. PHYSICAL REVIEW B 70, 014102 (2004)
FIG. 1. (a) {001} projections of L12, D0c, and D0C structures; 
(b) energy difference E -  E(L12) as a function of the displacement u 
for D0c and D0C structures.
from stoichiometry lead to dramatic changes of the mechani­
cal behavior of Pt3Al and to the disappearance 
of the LTA.5
First-principles electronic structure and total energy cal­
culations for Pt3Al in its L1 2, D0 c, and D0C, phases were 
performed by the all-electron full-potential linearized aug­
mented plane wave (FLAPW) method15 without any shape 
approximation for the potential and charge density. The gen­
eralized gradient approximation (GGA) within the Perdew- 
Burke-Ernzerhof functional was used for the exchange- 
correlation potential. 16
In the L 1 2  structure, Pt atoms form octahedra, and the 
D0c, and D0C structures can be obtained by monotonic trans­
formations of the L 12 in such a way that Pt octahedra be­
come either distorted (D0 c), or rotated (D0C), with the dis­
tortion parameter u [cf. Fig. 1(a)]. These transformations are 
also accompanied by a tetragonal distortion of the lattice. 
From total energy calculations for stoichiometric Pt3Al, we 
found that the D0 C structure is energetically preferable in 
comparison with the L12 phase [Fig. 1(b)], with values of u 
equal to 0.054a (where a is the L12 lattice constant). In con­
trast, the D 0c structure was found to be unstable for any
FIG. 2. Orbital contributions to Pt(2) tf-DOS for Pt3Al in the (a) 
L12 and (b) D0C structures.
value of u (Fig. 1 ). The calculated lattice parameters were 
found to be in a good agreement with available experimental 
data. 17,18 According to Ref. 18 the magnitude of the crystal 
lattice distortions decreases gradually with increasing tem­
perature, and disappears above T=350 K. Thus, within the 
temperature region where the LTA is observed, Pt3Al has the 
D0 C structure.
Our computational results clearly show that the instability 
of the L 1 2  structure has an electronic origin. The electronic 
structure of this phase is characterized by the presence of a 
peak in the density of states (DOS) exactly at the Fermi 
level, Ef  [cf. Fig. 2(a)], which is an indication of a structural 
instability that can lead to an essential softening of the lattice 
(both phonons and elastic moduli); for a review see Ref. 19. 
Normally, the instability is relieved by either the onset of 
magnetism or by a transformation into a different structure. 
In the case of Pt3Al, the DOS(EF) is too small to satisfy the 
Stoner criterion of magnetism. Instead, a martensitic struc­
tural transformation is sufficient to stabilize the structure by 
means of the rotation of Pt octahedra. The DOS peak at EF is 
formed mostly by the Pt tf states with t2g symmetry, namely 
d  orbitals and twofold-degenerate d  and dxz orbitals. Un­
der the transition to the D0C phase, the DOS value at EF 
decreases [cf., Fig. 2(b)], and EF falls at the local minimum 
in the DOS. Now, because of the unequal population of the 
three orbitals forming the DOS peak, the charge distribution 
in the D0 C phase becomes more anisotropic (“covalent”), as 
shown in Fig. 3. One can see that additional electron density
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FIG. 3. Charge density difference distribution on the {100} plane 
for Pt3Al in (a) L12 and (b) D0C phases.
“bridges” are formed between neighboring Pt and Al atoms 
which enhances their chemical bonding. The appearance of 
these bonds makes the D0 C structure stable and energetically 
favorable.
A close consideration of the LDOS in Fig. 2(a) reveals 
that in the framework of a rigid band approximation one 
could expect that a small deviation from stoichiometry 
should change the number of electrons in the valance band 
and effectively push EF away from a local maximum, thus 
stabilizing the L12 structure. To investigate the effects of 
nonstoichiometry on the electronic structure, we modeled the 
Pt3 -xAlj+x alloys with a 32-atom supercell, where the substi­
tution of one or two Pt atoms by Al corresponds to the com­
positions x= 3.125 or x=6.25 at. %, respectively. We found 
that an excess of Al leads to a monotonic decrease of the 
energy difference, AE, between the D0C and the L12 phases. 
Simultaneously, the displacement parameter u decreases, and 
the Pt octahedra rotate back to the original positions which 
they had in the L12 structure. The L1 2 phase becomes ener­
getically preferable at 6  at. %  excess Al (Table I). Thus, the 
addition of Al stabilizes the L 12 phase—as a consequence of 
moving the DOS peak off EF; a similar mechanism of the
TABLE I. Dependence of the energy difference between the L12 
and D0'c structures and the displacement parameter u on the com­
position of Pt3_,Al1+_r
Composition E(L12) -  E(D0'l)  (meV / at.) u / a
Pt75Al25 11.5 0.054
Pt72Al28 4.3 0.035
Pt69Al31 -0.4 0.014a
aThe D0'c structure is metastable.
effect of doping on the phase stability was considered for the 
case of NiTi.20
The displacements transforming the L12 into the D0C 
structure move part of the Pt atoms out of the {111}Li2 plane 
and destroy the close packing of the atoms in these layers. As 
a result, the {1 1 1 } deformation mode which usually operates 
in L12 alloys, may become unfavorable in the D0C phase. 
Now, for the analysis of the dislocation structure and mobil­
ity we employ a combined approach based on ab  in itio  cal­
culations of the generalized stacking fault (GSF), or y  sur­
face, energetics and the two-dimensional (2D) Peierls- 
Nabarro (PN) model. 1 1 ,2 1 -2 4 This approach was previously 
successfully applied by us to analyze the dislocation struc­
ture and mechanical behavior of various metals and interme- 
tallics in different structures, including fcc, 22 B2, 23 L10 , 24 
and L12 . 11 In order to determine the GSF energies, which are 
associated with a rigid shift of one part of the crystal with 
respect to another on an arbitrary fault vector in the slip 
plane, 25 we carried out first-principles total energy FLAPW 
calculations within the GGA using a supercell geometry with 
six atomic layers and homogeneous periodic boundary 
conditions. 12
First, we consider Pt3Al in the (hypothetical) L 12 struc­
ture. Total energy calculations show that the y  surface on a 
{111} slip plane [Fig. 4(a)] and, in particular, the stacking 
fault energies (cf. Table II) are very similar to those for 
Ni3 Ge, 11 which is an intermetallic with a well-pronounced 
YSA. However, in contrast to Ni3 Ge, the APB energy in the 
{001} plane is very high and E(APB{001})«  E(APB{111}). This 
result is in agreement with previous calculations13 and dis­
tinguishes Pt3Al from most other L1^  alloys, where the con­
dition E(APB{001}) <  E(APB{111}) / v'3 is satisfied; 12 the latter 
is considered as a necessary requirement for YSA.6 ,7 Since 
the high value of E(APB{001}) prevents cross-slip of the dis­
location into the {001} (“cube”) plane, L12 Pt3Al would not 
exhibit the YSA. And because the APB-bound (110){111} 
superdislocations have a significantly lower Peierls stress10 
than the ( 1 1 0 ){0 0 1 } superdislocations, one could expect that 
only the (110){111} slip mode would operate. These results 
clearly demonstrate that the LTA, which is a result of the 
dislocation glide on a cube plane ( 1 1 0 ){0 0 1 } , 2 7  is not a prop­
erty of the L12 Pt3Al.
The situation changes dramatically when we consider 
Pt3Al in the D0C structure. In this case, the y  surface is 
substantially different from that for the L 12 structure 
[Fig. 4(b)]. First, all stacking fault energies are significantly 
higher (Table II). In addition, due to the lowering of the
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(a) <1 1 2>
(b) < 112>
FIG. 4. Contour plots of the generalized stacking fault energies 
for Pt3Al with (a) L12 and (b) D0C structures. Structures of super­
dislocations are shown as “splitting paths” (Ref. 24) (bold lines). 
Three superdislocations with the APB ribbon can operate on {111} 
slip planes in the L 12 structure and only one (for the easy direction) 
for D0'c.
lattice symmetry, the displacements in the three (110) 
directions [and corresponding APB and complex stacking 
fault (CSF) energies] which are equivalent in the L12 struc­
ture, become different. As a result, there are two “hard” (I, 
II) shear directions where the APB energies are twice as 
large as in an “easy” direction (III) (cf. Table II). Therefore 
the properties of the dislocations should differ significantly 
for ( 110) Burgers vectors parallel to the hard and easy direc­
tions.
The structure of the superdislocations obtained in the 
framework of our ab  in itio  PN approach, is shown in Fig. 4 
as a “splitting path,” which gives the dependence of the edge 
component along the (112) direction on the screw compo­
nent along the (110) direction of the displacement. We found 
that for (hypothetical) L12 Pt3Al, the splitting of the super­
dislocation through the SISF is highly unfavorable; this con­
firms the results of the above analysis based on stacking fault 
energies alone. Only superdislocations split through the APB 
can operate in L12 Pt3Al [Fig. 4(a)].
TABLE II. Energies of unrelaxed geometrical stacking faults: 
antiphase boundary (APB), complex stacking fault (CSF), and 
superlattice intrinsic stacking fault (SISF), in mJ/m2.
Stacking
fault Pt3Al(D0C) PtsAl(L12) Ni3Ge(L12)
APB{111} (I) 1160
(II) 1160 480 660 (Ref. 11)
(III) 550
CSF (I) 1500
(II) 780 560 620 (Ref. 11)
(III) 640
SISF 780 490 420 (Ref. 11)
APB{001} 840 460 300 (Ref. 26)
In D0C Pt3Al, the picture will be similar if the Burgers 
vector lies along the easy direction [Fig. 4(b)]. For hard di­
rections, however, the superdislocations have compact cores 
because of the very high APB energy E(APB{111}). As a re­
sult, superdislocations in the {001} cube plane, with lower 
APB energy E(APB{001}), will be energetically more prefer­
able. Although the condition E(APB{001}) <  E(APB{111}) is 
fulfilled for hard directions, it does not lead to the YSA be­
cause the cube plane is the primary slip system in this case. 
Thus, the cube glide (110){001}, which is usually observed 
in Pt3Al, naturally appears as a main slip system in the D0C 
structure. Therefore, the LTA, which results from cube dis­
location glide,9,10 is a property of Pt3Al in the D0C phase and 
not in the L12 phase.
Because of the large anisotropy of the shear resistance 
in D0C Pt3Al, both slip planes—{111} for the easy and {001} 
for the hard direction of the Burgers vector—can operate in 
this alloy depending on the orientation of the deformation 
axis. This is in agreement with experiment,14 where slip on 
only one {111} system was observed in Pt3Al single crystals 
and only when the deformation axis was oriented near the 
(001) direction, while the {001} slip prevailed at most other 
orientations. Since the relative stability of the D0C 
and the L 12 structures is very sensitive to deviations from 
stoichiometry, and since different deformation modes 
operate in these two phases, one predicts that the deforma­
tion behavior can change drastically with increasing Al 
concentration. This was actually observed in experiments.5 
We also predict that at elevated temperatures (T >400 K), 
where the L12 structure becomes more favorable,18 
the switch from {001}(110) to {111}(110) slip modes should 
occur.
To conclude, our results show that the relatively small 
atomic displacements that accompany the L12 ^  D0C transi­
tion lead to drastic changes in y -surface energetics and in the 
mechanical behavior of Pt3Al. The instability of the L12 
structure has an electronic origin, and similar behavior is 
expected for other platinum-based intermetallics. Thus, a 
proper consideration of the structural stability is a key ele­
ment in explaining the absence of the YSA in L 12 
intermetallics—namely, the L12^  D0C (in Pt3X), or the L12
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^ D 0 19 transformation [in Zr3Al and Fe3Ge (Ref. 11)]. The 
predicted features of the dislocations in D0 C could be verified 
experimentally by transmission electron microscopy and slip 
system investigations.
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